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We study the effect of in situ synthesized 10 nm silica nanoparticles on the glass transition and dynamics
of natural rubber networks using differential scanning calorimetry, broadband dielectric relaxation
spectroscopy and thermally stimulated depolarization currents. Even in the absence of specific polymer-
filler interactions, polymer segments within a few nanometers of the filler particles exhibit relaxation
times up to 2e3 orders of magnitude slower and reduced heat capacity increment at the glass transition
compared to bulk natural rubber. These effects are only observed when the nanoparticles are uniformly
distributed in the polymer matrix.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Polymers containing nanoparticles such as nanoscale silica,
layered silicates or carbon nanotubes have attracted a lot of interest
both from the point of view of applications and that of fundamental
polymer science [1e5]. Even for relatively low amounts of nano-
particles, a significant fraction of the polymer is within a distance of
several nanometers of the particle surface; this interfacial polymer
has potentially different structural and dynamic properties than the
bulk. Therefore, nanocomposites may have properties, or combi-
nations of properties, that cannot be obtained for the correspond-
ing bulk polymer or conventional macro- or micro-composites [6].

From a more general point of view, nanocomposites can be used
to investigate the fundamental question: what is the effect of
proximity to a solid surface on the glass transition and dynamics of
polymers? In particular, is there a significant effect at all, and if so,
what is its nature and how far from the surface does it extend?
There is substantial literature that addresses these issues by
studying the dynamics of ultrathin polymer films as well as liquids
and polymers confined in various types of porous media [7]. Due to
their very large surface to volume ratio, polymer nanocomposites
can provide complementary information on the modification of
dynamics near particle surfaces.
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After more than a decade of research on the dynamics of nano-
composites, the experimental picture is still far from clear. In some
cases, the nanoparticles have no effect at all on dynamics, even in
well-dispersed composites [8]. In other cases, typically with ther-
moplastics such as polystyrene and PMMA containing oxide nano-
particles, evenvery small particle concentrations cause large drop in
Tg [9]; this would indicate a strong and long-range effect (tens or
even hundreds of nanometers) which has been related to the Tg
reduction in ultrathin polymer films [10], however at least in some
cases it has been found that this Tg decrease can be removed by
annealing [11]. Finally in several studies, a very thin layer (a few
nanometers) of interfacial polymer with restricted mobility is
detected around the filler particles, while the rest of the polymer
follows bulk dynamics [12e21]. This behavior has been described in
terms of three-layermodels [16e18], two-layermodels [14,15,19,20]
or a continuous distribution of glass transition temperatures as
a function of distance from the particle surface [21].

It has also become evident that onemust take care to distinguish
a genuine physical change of dynamics due to the presence of
nanoparticles, from those changes caused indirectly through other
effects. These include, for example, changes in crystallinity, and
changes in molecular weight or degree of crosslinking when the
polymerization is carried out in the presence of the nanoparticles.
In dynamic mechanical measurement, changes in the real part of
the shear modulus or to the flow properties can lead to apparent
shifts in the mechanical tan d peak or the appearance of a second
loss tangent peak, respectively, even if segmental dynamics
remains unchanged [22e24].
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Proper dispersion of the nanoparticles in the polymer matrix is
crucial, and experimentally challenging since nanoparticles have an
extremely strong tendency to aggregate [25]. One approach that
has been successful for preparing well-dispersed nanocomposites
is solegel synthesis of the nanoparticles in situ within the polymer
matrix. By varying the reaction conditions, one can control the size,
dispersion and surface characteristics of the nanoparticles [26].
We have previously studied series of solegel derived poly-
dimethylsiloxane (PDMS)-silica and PDMS-titania nanocomposites
[12,13,27e30], where PDMS chains interact strongly with the
particle surface via hydrogen bonds. PDMS is semicrystalline, and
the nanoparticles were found to significantly decrease crystallinity.
Taking that into account, we determined that a layer of polymer
with a thickness of 2e3 nm (decreasing with increasing tempera-
ture) around the silica particles exhibits modified dynamics:
decreased heat capacity increment of the calorimetric glass tran-
sition, and 3e5 orders of magnitude slower segmental dynamics,
which corresponds to a Tg up to approximately 30 K higher than
bulk PDMS. These changes appear as a smooth gradient of mobility,
with segmental motion gradually slowing down on approaching
the particle surface [28].

In the present work we study the glass transition and molecular
mobility of two series of natural rubber-silica nanocomposites.
Unlike PDMS, natural rubber has no affinity for the silica nano-
particles unless a coupling agent is present [31], The silica nano-
particles were prepared in situ using the solegel method. By
varying the preparation protocol, we obtained nanocomposites
with identical chemical structures, but two different types of
morphology: dispersed (with particles of approximately 10 nm
diameter uniformly dispersed in the volume of the polymer, similar
to the PDMS-silica series previously studied [12,13,28]) and aggre-
gated, where the silica phase consists of large aggregates tens or
hundreds of nanometers in diameter. Compared to the PDMS-silica
and PDMS-titania systems, the interaction of the polymer chains
with the particles surface is weaker-Van der Waals forces rather
than hydrogen bonds; also no crystallinity is observed, simplifying
the analysis. We characterize the glass transition using differential
scanning calorimetry, and study the segmental and local molecular
dynamics in a broad temperature and frequency range using two
dielectric techniques: thermally stimulated depolarization currents
and broadband dielectric spectroscopy.

2. Experimental

2.1. Materials

Two series of natural rubber-silica composites were prepared.
The details of sample preparation and morphological character-
ization have been published elsewhere [32] and are summarized
below. The silica particles were synthesized in situ within the
polymer matrix, by hydrolysis and polycondensation of tetrae-
thoxysilane (TEOS) in the presence of a pH-neutral catalyst.

2.1.1. First series (dispersed composites)
The natural rubber was first crosslinked, then silica nano-

particles were formed by swelling the rubber networks in TEOS
followed by the hydrolysis and polycondensation reactions. This
procedure is the same as the one followed for the PDMS-silica and
PDMS-titania nanocomposites that were previously studied. Using
transmission electron microscopy, we observed small silica nano-
particles with a diameter of ca. 10 nm, homogeneously dispersed in
the rubber matrix [32]. The silica content was controlled by varying
the swelling time, and samples with 5, 6, 9 and 11% silica by volume
were prepared, referred to in the following as D-5%, D-6%, D-9% and
D-11% respectively.
2.1.2. Second series (aggregated composites)
For the second series the uncrosslinked rubber was dissolved in

toluene and mixed with the silica precursor; the formation of the
nanoparticles was carried out in solution and the sample was then
dried and finally crosslinked. The resulting composites are char-
acterized by large silica aggregates, with a broad size distribution
ranging from tens to hundreds of nanometers [32]. Samples con-
taining 11, 16 and 18% silica by volume were studied. In the 16%
silica sample, 4% of coupling agent (Si69) was added, in order to
enhance the polymer-filler interactions; in this sample an aggre-
gate morphology was again obtained with only slightly higher
degree of nanoparticle dispersion. The three aggregated samples
are referred to in the following as A-11%, A-16% þ Si69 and A18%,
respectively.

2.2. Experimental techniques

2.2.1. Differential scanning calorimetry
The calorimetric glass transition was studied using differential

scanning calorimetry (DSC). Measurements were carried out in the
temperature range 180e300 K, in nitrogen atmosphere using
a Perkin Elmer Pyris 6 DSC. The samples, (with a weight of approx.
5 mg, in standard Al pans) were cooled from room temperature to
153 K at 10 K/min, held at this temperature for 2 min and the
measurements were taken during subsequent heating at 10 K/min.

2.2.2. Thermally stimulated depolarization currents
Thermally stimulated depolarization currents (TSDC) is a dielec-

tric technique which has been used extensively to study relaxation
mechanisms in polymeric materials [33]. The sample is inserted
between the plates of a capacitor and polarized by the application of
an electric field EP a temperature TP for time tP, which is large
compared to the relaxation time of the molecular motions under
investigation. With the electric field still applied, the sample is
cooled to a temperature T0 (sufficiently low to prevent depolariza-
tion by thermal excitation) and then is short-circuited and reheated
at a constant rate b. The discharge current generated during heating
is measured as a function of temperature using an electrometer.
TSDC corresponds tomeasuring dielectric loss at a low frequency in
the range 10�4e10�2 Hz. It is characterized by high sensitivity and
high resolving power and provides several variations to the exper-
imental protocol which allow the separation of overlapping relax-
ations. TSDC measurements were carried out using a Keithley 617
electrometer in combinationwith a Novocontrol Quatro cryosystem
and Novocontrol sample cell for TSDC measurements. Typical
conditions were EP ¼ 105 V/m for the polarizing field, TP ¼ 293 K for
the polarization temperature, tP ¼ 5 min for the polarization time,
10 K/min for the cooling rate to T0 ¼ 123 K and b ¼ 3 K/min for the
heating rate.

2.2.3. Dielectric relaxation spectroscopy
Segmental and local molecular dynamics of the polymer chains

were studied using dielectric relaxation spectroscopy (DRS).
Measurementswere carried out in the frequency range10�2e106Hz
and temperature range 143e313 K with a Novocontrol Alpha
analyzer. The temperature was controlled to better than 0.1 K with
a Novocontrol Quatro cryosystem.

3. Results

3.1. Calorimetric glass transition

Using differential scanning calorimetry, a single glass transition
at about 210 K is observed for neat natural rubber and both series of
composites (Fig. 1). The glass transition temperature, heat capacity



Fig. 1. DSC thermograms in the region of the glass transition for the neat natural
rubber and the aggregated and dispersed composites.

Fig. 2. Heat capacity increment, normalized by the value for the neat natural rubber, as
a function of silica volume fraction. The solid line shows the decrease expected simply
due to the reduced volume fraction of rubber.
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increment and transition width are shown in Table 1. The silica
nanoparticles only slightly affect the calorimetric glass transition
temperature. For the dispersed nanocomposites, Tg increases 3e4 K
compared to that of the neat rubber, with no systematic depen-
dence on silica content. The aggregated nanocomposites, on the
other hand, show the same (or marginally lower) Tg as the neat
rubber. For both series of composites, the heat capacity increment,
DcP, decreases with increasing silica content.

Fig. 2 shows DcP for the two series of composites. For the
dispersed composites, the DcP decrease is significantly larger than
what can be accounted for by the lower fraction of polymer in the
composites, while for the aggregated composites DcP is close
(though still less) than the expected values. A similar excess
decrease in DcP has been observed for nanocomposites as well as
for semicrystalline polymers [14]. Taking DcP as a measure of the
amount of polymer which participates in the glass transition, this
decrease is often discussed in terms of an immobilized layer of
polymer around the filler particles, or crystallites, respectively. The
fraction of immobilized polymer can then be calculated by

xim ¼ 1� Dcp
Dc0p

�
1�wSiO2

� (1)

where DcP
0 is the heat capacity increment of the neat rubber and

wSiO2
the weight fraction of silica. The values of cim thus obtained

are shown in Table 1. For the dispersed nanocomposites, they range
from 5 to 30% increasing with increasing silica content. Assuming
homogeneously dispersed particles of 10 nm diameter, this corre-
sponds to an immobilized interfacial layer of 2e3 nm. For the
aggregated nanocomposites with similar silica volume fractions,
Table 1
Parameters of calorimetric glass transition: glass transition temperature, heat
capacity increment, transition width, and fraction of immobilized polymer calcu-
lated according to eq. (1).

Sample Tg [K] Dcp [J/(g K)] De [K] cim

Neat rubber 210.7 0.550 4.9 0.0
D-5% 215.2 0.487 5.1 0.05
D-6% 216.2 0.432 6.6 0.13
D-9% 214.8 0.394 5.6 0.16
D-11% 214.2 0.322 5.5 0.29
A-11% 209.5 0.451 3.8 0.01
A-18% 210.2 0.398 3.7 0.02
A-16% þ Si69 209.8 0.366 3.3 0.12
only aminimal fraction (1e2%) of polymer is immobilized; however
adding coupling agent increases the surface to volume ratio
resulting in increased cim in sample A-16 þ Si69.

3.2. Thermally stimulated depolarization currents

Fig. 3 shows TSDC thermograms in the region of the glass
transition. For the neat rubber and all composites, a sharp peak is
observed around the glass transition temperature, corresponding
to the segmental a relaxation of the polymer matrix. At higher
temperatures (not shown), a broad and intense peak is observed
due to interfacial polarization, i.e., accumulation of charges at the
interfaces between the matrix and filler.
Fig. 3. TSDC thermograms in the region of the glass transition. In the aggregated
composites, the a peak broadens considerably indicating a fraction of polymer with
higher Tg.



Table 2
Parameters of the segmental a relaxation from TSDC: Peak temperature, dielectric
increment normalized by the polymer volume fraction, and transition width.

Sample Ta [K] Denorm DT [K]

Neat rubber 210.6 0.09 7.5
D-5% 210.9 0.08 13.1
D-6% 212.4 0.09 12.6
D-9% 214.1 0.08 15.5
D-11% 214.2 0.11 21.3
A-11% 209.3 0.09 6.9
A-18% 210.7 0.08 7.1
A-16% þ Si69 210.0 0.10 7.6

Fig. 4. Representative dielectric loss spectra for the dispersed and aggregated
composites.
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The temperature Ta of the segmental relaxation peak
(Table 2) is usually found to be in good agreement with the
calorimetric glass transition temperature [33]. Indeed, the two
temperatures are very close (with the exception of D-5% and
D-9% where a small difference of ca. 3 K exists). Glass transition
temperatures from TSDC and DSC follow the same trends:
a small systematic increase compared to the neat rubber for the
dispersed silica and no change or a marginal decrease in the case
of aggregated silica.

From the total charge recorded during depolarization for the
a relaxation (total charge is proportional to the area of the TSDC
peak), the dielectric increment Dea of the relaxationwas calculated,
representing the contribution of the segmental process to the static
dielectric constant. Values of Dea, normalized by the volume frac-
tion of polymer in each composite, are shown in Table 2. The
normalized relaxation strength is within the range 0.08e0.11 for
the neat rubber and both series of composites, showing no
systematic variation with silica content or morphology. Notably,
there is no decreasing trend of Dea with increasing silica content, as
was the case for the heat capacity increment.

The shape of the a relaxation peak, reflecting the distribution
of segmental relaxation times, shows very different behavior
for the two series of composites. For the aggregated composites
the peak shape is identical to that of the pure rubber. For the
dispersed composites, the peak broadens significantly on the high-
temperature side. This broadening increases with increasing silica
content. This suggests heterogeneous dynamics, i.e. that there are
regions of the material, presumably around the silica nano-
particles, with a glass transition temperature up to ca. 20 K higher
than the bulk polymer. Again, this differs from the calorimetric
glass transition, where no broadening was observed.
3.3. Dielectric relaxation spectroscopy

Fig. 4 shows representative dielectric spectra for the two series
of nanocomposites. At low temperatures we follow two local
relaxations, g and b, of which the g process in only present in the
composites and not the neat natural rubber. At higher tempera-
tures, we observe the much stronger a relaxation, associated with
the glass transition and finally at low frequencies and high
temperatures, an increase in the dielectric loss due to dc conduc-
tivity and interfacial polarization. We fit the dielectric spectra using
the HavriliakeNegami (HN) function [34]

e*ðf Þ ¼ De�
1þ ðif =f0Þa

�b (2)

for each relaxation process, where f0 is a characteristic frequency
related to the frequency of maximum loss of the relaxation (fmax),
De is the dielectric strength or contribution of the relaxation to the
static dielectric constant, and a and b are shape parameters.
3.3.1. Segmental relaxation processes
Natural rubber, is primarily composed of cis-1,4-polyisoprene

(PI) chains. cis-PI is a type-A polymer, having a dipole moment
component parallel to the chain backbone. Therefore, uncros-
slinked natural rubber shows a low-frequency dielectric relaxation
(normal mode relaxation) corresponding to the motion of the
chain’s end-to-end vector. When the polyisoprene chains are
crosslinked, the normal mode relaxation is suppressed, and only
a small, broad contribution at low frequencies remains, due to the
end-to-end relaxation of dangling chain ends [35]. Ortiz-Serna et al.
studied the segmental relaxation of sulfur-crosslinked natural
rubber, with a somewhat different curing recipe than the one used
herein [36]. They found an asymmetric segmental relaxation, broad
on the low-frequency side, which could be fit by a sum of two.

HavriliakeNegami functions, and attributed this behavior to the
presence of the fatty acids which are part of the curing recipe.

Fig. 5 shows dielectric loss spectra for the neat natural rubber
and the two series of composites at 253 K, in the frequency range of
the a relaxation. The neat natural rubber shows a single, skewed
dielectric loss peak, broader on the low-frequency side. As in Ref.
[36], the a relaxation cannot be fitted by a single HN function. Here
the excess dielectric loss at low frequencies does not take the form
of a distinct shoulder, perhaps because of the lower sulfur amount
in the present samples (leading to a lower degree of crosslinking
compared to Ref. [36]). Although it is technically possible to fit the
segmental relaxation with two HN functions, we obtained a more
accurate fit, with three fewer adjustable parameters, using a single
HN function plus a power law.

In the dispersed nanocomposites, a shoulder (a0 process)
appears on the low-frequency side of the segmental process. The
shoulder is centered at a frequency roughly 2e3 orders of magni-
tude slower than the main a peak, and its intensity increases
systematically with increasing silica content. On the other hand, for
the aggregated nanocomposites, no shoulder appears and the
shape of the a relaxation is identical to that of the neat rubber. This



Fig. 5. Comparison of dielectric loss spectra of the dispersed and aggregated
composites at 253 K.

Fig. 6. Relaxation frequencies for the segmental a and a0 and secondary b and g

relaxations.

Table 3
Activation parameters for the a, a0 and g processes. For the a0 process the value of
logf0 was fixed to 12.0.

Sample a Process a0 Process g Process

logf0 D T0 [K] logf0 D T0 [K] logf0 Ea [eV]

Neat rubber 11.3 8.5 167 e e e e e

D-5% 11.5 9.0 167 12.0 17.6 146 18.6 0.44
D-6% 11.4 8.5 169 12.0 18.0 145 19.4 0.47
D-9% 12.3 9.2 166 12.0 17.0 147 20.0 0.51
D-11% 12.0 10.2 160 12.0 17.4 147 19.6 0.54
A-18% 11.5 9.0 169 e e e 14.4 0.33
A-16% þ Si69 11.5 8.7 170 e e e 13.7 0.29
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behavior mirrors the results of the TSDC measurements. Landry
et al. [37] have observed a similar low-frequency shoulder on the
dielectric a loss peak of polyvinyl acetate filled with finely
distributed solegel silica particles, which is absent in the same
polymer filled with fumed silica having an aggregated structure.

Although the a0 process is in a similar frequency range as the
slow a0 process observed by Ortiz-Serna et al. for neat natural
rubber, its origin is clearly different. In the dispersed series of
composites, the silica nanoparticles were synthesized in situ in the
already crosslinked rubber, using the chemically mild and low-
temperature solegel process. Therefore, the chemical structure of
the natural rubber in the dispersed composites is identical to that of
the neat rubber. For the aggregated composites, a small difference
in crosslink density is observed, because vulcanization is carried
out in the presence of the silica particles[32]. Therefore, the low-
frequency contribution observed by Ortiz-Serna et al. corresponds
to the slight low-frequency broadening of the a process in the neat
rubber and the aggregated composites. In the dispersed compos-
ites, the additional low-frequency shoulder is assigned to slow
segmental relaxation presumably near the silica surface. In agree-
ment with the TSDC results, in the dispersed nanocomposites there
is a fraction of polymer, presumably close to the polymer-filler
interface, which relaxes slower than bulk natural rubber. For the
aggregated nanocomposites, due to the low surface-to-volume
ratio, no such effect is observed and the distribution of relaxation
times appears identical to that of bulk natural rubber.

In the aggregated composites, we fit the a and a0 processes with
the sum of two HN terms plus a power law, the latter to account for
low-frequency losses observed also in the neat rubber. The values
obtained for the relaxation frequencies are shown in Fig. 6. The
temperature dependence of the a and a0 relaxation frequencies is
well described by the Vogel-Tammann-Fulcher (VTF) equation [38],

fmax ¼ f0 exp
�
� DT0
T � T0

�
(3)

characteristic of cooperative relaxations. f0 and T0 are
temperature-independent empirical parameters. D, the so-called
“strength parameter”, quantifies the deviation from Arrhenius
temperature dependence; within the strong-fragile classification of
liquids, larger D corresponds to less fragile, or more Arrhenius-like,
behavior. VTF fit parameters for the a and a0 processes are shown in
Table 3. The interfacial a0 process has significantly larger strength
parameter D, i.e. more Arrhenius-like behavior, than the bulk
a process. This behavior was also observed for the slow interfacial
relaxation in PDMS-silica and PDMS-titania nanocomposites
[13,27,28]

The relaxation strengths of the a and a0 processes, Dea and Dea0

respectively, (Fig. 7) have considerable uncertainty due to the
indistinct shape of the loss peak and the number of fit parameters
involved. The relaxation strength of the a process decreases with
increasing silica content and is relatively temperature independent,
while that of the a0 process decreases with increasing temperature
and increases with increasing silica content and therefore increasing
particle surface area. Since Dea is approximately constant with
temperature in the neat rubber, this suggests that the amount of
interfacial polymer, which gives rise to the a0 process, decreases with
increasing temperature similar to the PDMS-silica nanocomposites
previously studied [12]. Assuming homogeneously dispersed parti-
cles of 10 nm diameter, this corresponds to an interfacial layer of
2e4 nm, in rough agreement with the DSC results.



Fig. 7. Temperature dependence of the dielectric strength of the a and a0 segmental
processes in the dispersed composites.

Fig. 8. Dielectric strength of the secondary g process as a function of silica content.
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3.3.2. Local relaxation processes
Both the neat rubber and the two series of composites show

a weak local b relaxation, with no systematic dependence on silica
content or morphology. It has an Arrhenius temperature depen-
dence, with a rather large activation energy of ca. 0.65 eV and pre-
exponential factor of logf0 ¼ 17e18. The origin of this process is
not entirely clear. In linear cis-1,4-polyisoprene, a very weak
secondary relaxation of the GoldsteineJohari variety (i.e.involving
motions of the entire molecule and associated with the precursor
to segmental motion) has been observed [39]. This relaxation is
however 2e3 orders of magnitude faster than our b process and
its activation energy and pre-exponential factor much lower. We
conjecture that the b process could be associated with polar
groups incorporated into the molecular structure by the vulcani-
zation process, such as carbon-sulfur bonds at the crosslinks as
well as side groups formed by reaction with the vulcanization
activators. Ortiz-Serna et al. [36] did not observe a b process in
vulcanized natural rubber, possibly due to the differences in the
vulcanization package used.

The faster g process appears in the composites of both series,
but is absent in the neat natural rubber. Fig. 8.shows the relaxation
strength of the process at 183 K as a function of filler content. The
g process becomes systematically stronger with increasing silica
content, and is stronger for the dispersed composites compared to
the aggregated composites at similar silica content. This suggests
that the g relaxation takes place at the filler surface. The activation
energy, Eg, shown in Table 3 is somewhat lower for the aggregated
composites than the dispersed ones. A relaxation with very similar
characteristics to the g process was also observed in solegel
PDMS-silica nanocomposites, attributed to local motions of silanol
groups on the filler surface, with the participation of adsorbed
water molecules. The g process is likely related to the ubiquitous
local relaxation observed in water-containing systems, which
occurs in the same temperature range and with an activation
energy similar to Eg in the dispersed samples [40]. The difference
in activation energy between aggregated and dispersed compos-
ites is probably due to the differing local environment: the filler
surface is primarily silicaesilica interfaces inside aggregates in the
aggregated composites, as opposed to almost exclusively silica-
polymer interfaces in the dispersed composites.

4. Discussion

As noted above, at first glance there seems to be an inconsis-
tency between the results of DSC and dielectric measurements on
the dispersed composites. Looking first at the DSC results, there is
only a marginal increase in calorimetric Tg, but a substantial
decrease in the heat capacity step. No broadening on the high-
temperature side of the transition is observed, which would be
expected in the case of slowing down of the interfacial dynamics.
Taken in isolation, these results would seem to suggest an immo-
bilized or glassy interfacial layer, with a thickness of a few nm,
around the silica particles. In such a layer no segmental motion
would presumably take place [14,41e43]. This sort of immobilized
layer is discussed in detail by Sargsyan et al. [14], based on very
accurate calorimetric measurements on PMMA-silica nano-
composites, also drawing parallels with the rigid amorphous layer
(RAF) in semicrystalline polymers [44]. Surprisingly, this immobi-
lized layer is not observed to devitrify even at very high tempera-
tures [14].

On the other hand, both dielectric techniques-DRS and TSDC-
suggest a qualitatively different picture. The dynamic glass transi-
tion is considerably broadened on the low frequency or high
temperature side, while the total intensity of the segmental
relaxation, normalized to the volume fraction of polymer, remains
essentially constant with silica content. Thus there is no immobi-
lized layer; segmental relaxation in the vicinity of the silica parti-
cles is directly observed to occur, albeit with 2e3 orders of
magnitude longer relaxation time compared to the bulk. About
20e30 K higher than the bulk Tg, the interfacial layer has
completely devitrified and there is no longer a glassy layer around
the filler particles.

How can these two apparently contradictory pictures be
reconciled? It seems that the nanoparticles affect the segmental
dynamics in a way that does not correspond either to a simple shift
of Tg of the bulkmaterial or to complete immobilization of a fraction
of polymer segments. Rather, qualitatively different molecular
motions than those of the bulk state take place. In such a case, since
dielectric and calorimetric techniques probe molecular motions in
different ways, their results should not necessarily follow each
other. A possible interpretation is that the segments in close
proximity to the surface have fewer available conformations, and
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therefore reduced configurational entropy compared to the bulk.
On one hand, this would be expected to lead directly to a drop in
DcP, without needing to invoke a glassy or immobilized layer. On
the other hand, according to the AdameGibbs approach, and
related entropy-based models of the glass transition [45], one
would expect a slowing down of molecular motions, as is in fact
observed using DRS and TSDC.

DSC, TSDC and DRS results all indicate that the range of the
particleepolymer interaction is on the order of a few nanometers;
at larger distances away from the particle surface the dynamics
reverts to bulk behavior. This is consistent with an explanation in
terms of intermolecular cooperativity, since the intrinsic coopera-
tive length scale for the segmental relaxation is on the order of
a few nm, decreasingwith increasing temperature [46]. The particle
surface induces a modification in the dynamics of the immediately
adjacent polymer segments; the length scale over which the
modification persists into the volume of the polymer is given by the
cooperativity length [12]. The same approach has been used more
generally, e.g. to rationalize the dynamics of molecular liquids
under nanoscale confinement [47]. The small length scale of the
polymer-filler interaction also explains why the dynamics of the
aggregated nanocomposites, and of systems in the literature with
fillers of similar length scale of tens of nanometers [8] appear
unaffected by the silica phase. Of the aggregated composites, only
the 16% þ Si69 sample, which has a somewhat more dispersed
silica phase, showed a small decrease in DcP, however any corre-
sponding effect on the dielectric a relaxation of this sample, if
present, was too small to be observed.

It is interesting to compare the dispersed rubber-silica samples
to the PDMS-silica and PDMS-titania nanocomposites studied
previously [12,13,27,28]. In the PDMS-silica series, the silica nano-
particles were prepared using an identical process to the dispersed
samples herein and have very similar size, surface chemistry and
dispersion characteristics, while titania nanoparticles are some-
what larger but also well dispersed. Though crystallization of PDMS
must also be taken into account, themain characteristics of all three
systems are the same: significantly reduced heat capacity step, and
slowed down segmental relaxation in an interfacial region with
a thickness of a few nm. The slow interfacial dynamics also exhibit
lower fragility, i.e., more Arrhenius-like behavior compared to the
Fig. 9. Comparison of segmental relaxation times in NR-silica (dispersed, 9vol% silica),
PDMS-silica (11vol% silica, data from [28]) and PDMS-titania (15.3vol% silica, data from
[13]) nanocomposites. Filled symbols: bulk a process, empty symbols: interfacial
a0 process. In the PDMS-titania nanocomposites the additional, intermediate process,
aC, corresponds to segments restricted between crystalline regions.
bulk. The main difference between the three systems lies in the
magnitude of the change in relaxation times (Fig. 9): in the PDMS-
silica nanocomposites, where the polymer chains interact strongly
with the silica surface through hydrogen bonds, the slowing sown
of the dynamics is much more pronounced, at 3e5 orders of
magnitude compared to 2e3 for natural rubber. In the PDMS-
titania system, the polymer-filler interaction is even stronger
than that between PDMS and silica, leading to even more
pronounced slowing down of segmental motions in the interfacial
layer [13].
5. Summary

The effect of silica nanoparticles on the glass transition and
molecular mobility of natural rubber networks was studied using
differential scanning calorimetry and dielectric techniques. The
filler particles were synthesized in situ using the solegel technique
which allows for control of the particle dispersion. For composites
containing aggregates of nanoparticles with characteristic sizes of
tens to hundreds of nanometers, no significant effects were
observed on molecular mobility. For finely distributed 10 nm
nanoparticles, a fraction of polymer shows restricted segmental
mobility, characterized by slower segmental relaxation times by
2e3 orders of magnitude and reduced heat capacity increment at Tg
compared to bulk behavior.

Both calorimetric and dielectric techniques indicate that the
range of the polymer-filler interaction is of the order of a few
nanometers, consistent with an explanation in terms of intermo-
lecular cooperativity. A decrease in the heat capacity increment is
often interpreted as a persistent immobile glassy layer or rigid
amorphous fraction of polymer around the filler particles. However,
both dielectric techniques show that the interfacial region is
mobile, albeit slowed down, with relaxation times up to 2e3 orders
of magnitude slower than the bulk values. The results of all three
techniques can be rationalized by considering that in the interfacial
region configurational entropy is reduced due to the restrictions
imposed by the particle surface.

Compared to PDMS networks filled with identical silica nano-
particles, the natural rubber-silica nanocomposites show similar
overall behavior. The length scale of the polymer-filler interactions
is similar, but weaker polymer-filler interactions in the rubber-
silica system lead to a weaker effect on the segmental relaxation
times at the interface.
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